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ABSTRACT 


The reduced density and the increased elastic modulus of Al-Li based allays 
compared to conventional aircraft structural aluminium alloys have created 
intense interest throughout the aerospace industries and associated 
organisations. AA 8090 <A1-Li-Cu-Mg-Zr) is a newly registered alloy which has the 
potential of being incorporated into airframes ard spacestructures. 
Microstructural features which influence the mechanical properties of this alloy 
are : S’CAIqLD precipitate size and distribution, S' precipitate-free zone <PFZ), S 
(AlgCuMg) precipitate size and distribution and grain boundary precipitates etc. 


The present research is focussed on the study of the effect of various 
preageing and ageing parameters on the miorostructure of 8090 alloy. The 
preageing parameters studied were : natural ageing, low temperature ageing, and 
slow heating to artificial ageing temperature. Two different ageing temperatures 
(i60°C and 190°C) were studied. Microstructural features of interest, as mentioned 
above, were investigated by TEM and DSC analyses. Uniform distribution of S phase 
was observed in a samples; either slowly heated or naturally aged prior to 
artificial ageing at 190°C. 
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CHAPTER I 
INTRODUCTION 


In the last two decades, owing to growing energy costs, extensive research 
and development work is being performed throughout the world in order to 
reduce structural weight in transport systems by the introduction of new 
materials. In this connection, Al-Li alloys have aroused extraordinary interest 
within the aerospace industry and the metallurgical community. 

The aircraft manufacturers always search for materials having high 
strength to weight ratios. Materials with high fracture toughness, corrosion 
resistance, and fatigue life alongwith low manufacturing and operational 
costs are the candidate aircraft materials. 

The precipitation hardenable aluminium allays satisfy mast of the above 
requirements, which have made them the dominant structural materials in the 
aircraft industry for more than half a century. Aluminium - Lithium alloys 
can be strengthened substantially via precipitation hardening. Compared to 
conventional alloys, Al-Li alloys have lower density, higher elastic modulus 
and lower fatigue crack propagation rates. For example, the density of 8090 Al- 
Li alloy is about 2.56 gm/cc, approximately i0% lower than the conventional 
alLBninium alloys (typical density 2.80 g/cc). Simalarly, the Young's Modulus of 
8090 Al-Li alloy is about 81 GPa, compared to about 72 QPa for the conventional 
aluminium alloys. These property advantages can be exploited for aircraft weight 
reductions of the order of 15% to 20%, The estimated fuel economy for the 
projected life of aircraft as a result of the i^ight reduction is very 
attractive, and is the chief reason for the considerable efforts b#iich are 
underway to commercialise Al-Li alloys. 

Other materials being developed for similar applications include : Metal 
Matrix Composites (MMC's), Carbon Fibre Reinfca'xsed Polyners (CFRP's), and 
Laminates. TTie MMC's in whic^ high strength mat®'ials sue^ as SiC, AlgOg, B^C, S 
etc. are m^iedaled in aluminiun allots typically in ths form of particulate, 
nM^cers, cer f iber form off«r high „str«Tgth, stiff i^ss, w«»r resistance, and 



elevated temperature stability with 75% improvement in Young's Modulus. The 
dis.advaritagas are higher production costs, the necessity of redesigning 
production lines and tooling, and poor ductility < 3%). Although CFRP'S offer 

excellent combination of modulus and density, they are expensive and difficult to 
fabricate and assemble. Also, their properties are highly anisotropic. Aramid 
polymer reinforced aluminium laminates (Arall), show a very high strength and 
larger weight reduction, but question about their durability, binding to 
metallic structures, and resistance to moisture and delamination need to be 
answered C13. In the current situation, all these competing materials seem to 
have good chances of being used in future aircrafts. 

Ingot Metallurgy (I/M), Powder Metallurgy (P/M) [23 and Mechanical Alloying 
(M.A.) [33 are the three major processing routes which have been used to 
produce Al-Li alloys. The difficulties in processing are due to the strong 
reactivity of molten Li [43. Molten Li reacts readily with oxygen, nitrogen, and 
moisture etc., and also tends to corrode many crucible materials commonly 
used. The lower density and melting point of lithium can lead to problems during 
alloying with aluminium, which might lead to segregation in the cast ingots. Hence, 
molten Li must be protected by suitable fluxes, or inert atmosphere, and should be 
mixed carefully with A1 so as to avoid direct contact with refractory lining of 
the aluminium melting furnace. Low carbon stainless steels perform reasonably well 
for Li melting. Additional problems may be encountered during further processing, 
e.g. Li loss from surface layers during high temperature exposure. 

The precipitation hardening of lithium containing aluminium alloys involves 
the formation of a metastable, orderded, and coherent S' (AlgLi) phase during 
ageing. The interfacial energy of S' is very low ( 25 mJ/m®) C53 and the low 

lattice misfit ( 0.08%) [53, gives lower coherency strains. The major drawback of 

Al-Li alloys is its lower f raoture toughness and poor ductility, which is attributed 
to factors like planar slip due to the shearable nature of AlgLi (S'), S'- precipitate 
free zone (PFZ) adjacent to high angle grain bomdaries, grain boundary 
precipitates, and segregation of alkaline inusurities such as Na, K, Ca. The planar 
slip effect can be reduced by achieving a smaller grain size by way of Zr 
additions C63. Cu and Mg are added in Al-Li alloys to promote the formation of S 
phase ( AlgCii4g ), not only contributes to strength but alsro has effect of 

honxagariisihg t^Mi distribution of slip (by promoting cross-slip ESS. The 
prebipitation of S phase is geisrally ’ due to low free vacancy 



concentration (because of high Li-Vacancy binding energy), and hence takes place 
on crystal defects such as dislocations, sub grain-boundaries etc. The kinetics 
and the distribution of B precipitation can be improved by stretching or natural 
ageing prior to artificial ageing (by increasing dislocation density and releasing 
vacancies, respectively). 

Extensive research and development efforts are being carried out at 
Alcan (U.K.), Alcoa (U.S.A.), Cegedur Pechiney (France), Reynolds and Kaiser Aluminium 
and Allied Chemical Corporation, (U.S.A.). Besides the above companies, it is 
reported that Martin Marietta Corporation CU.S.A.), Lockheed/NASA (U.S.A,), Royal 
Aircraft Establishment (U.K.) and Sumitomo corporation (Japan) are also working in 
the same field. 

In U.S.A., Al-Li alloys are being considered for advanced tactical fighter- 
planes, and France, U.K., and Italy are actively pursuing substitution of existing 
alloys by Al-Li alloys in fighter planes. Boeing commercial airplane company and 
Douglas aircraft company have scheduled the introduction of Al-Li alloys in early 
1990'. Airbus industries will utilise Al-Li alloys in the fuselage, skin panels, 
stringers, floor beam and seat rails. According to Alcoa, extremely attractive 
cryogenic properties of Al-Li alloys can be utilised for vessels and tanks in the 
space vehicles to store liquid and liquid Og. 

In India, mainly DMRL, Hyderabad and IISc., Bangalore are involved in the 
development of Al-Li alloys. DMRL has carried out laboratory scale production by 
Ingot Metallurgy route and plans to cast larger size ingots. The research and 
development work in IISc. is in association with H.A.L. and A.D.A., Bangalore. NALCQ, 
Bubaneswar, which is at present making available high purity A1 (99.8%) required 
for this work, is expected to play a key role in the large scale production of this 
alloy C73. 

In India, the Al-Li material will be first used for ADA's LCA (Light Combat 
Aircraft) Programme. The ADA intends to use Al-Li alloys uplo 24% of the total 
material, the major share probably going to the fuselage. Al-Li alloys can also be 
used for missiles, space vehicles, and other military requirements, it is predicted 
that country's Al-Li alloy requirement will be around 250 Tons/year from 1995 £73. 

The development of a balanced combination of mechanical props^ties in Al- 
Li-Cu-Mg-2r alloys relies on the oo-precipitatipn of S' and S phases arwl other 
microstruotural features like the S’-PFZ. Since stretching prior to ageing may 



not be feasible for formed components, alternative means for promoting S 
precipitation should be studied. 

In this investigation, effects of pre-high temperature ageing treatments 
such as room temperature ageing, low temperature ageing, and slow heating to the 
artificial ageing temperature are studied in terms of a) the hardening response 
and b) thie microstructure under various conditions. Effect cf the artifici-al 
ageing temperature is also studied. Such a study is expected to provide better 
understanding of the response of Al-Li alloys to various thermal treatments, which 
can be used for optimisation of the microstructure. 




ZA 1 Itesicrt And Developmeni 

The low ductility and toughness of binary Al-Li alloys are attributed to (a) 
strain localisation due to slip coplanarity resulting from shearing of S' 
precipitates, and also due to the existance of S' precipitate free zones <PFZ's) 
near grain boundaries, and (b) early void initiation at grain boundary particles. In 
order to improve the ductility of Al-Li alloys, several methods have been 
suggested. These are i) increase the lattice misfit between the matrix and S' ES,9] 

2> co-precipitate non-shearable particles E6,1Q3 3> introduce non-shearable 

dispersoids Eli, 121 and 4) reduce grain size Ei3,i41. The first three methods are 
aimed at reducing slip coplanarity while the last one is aimed at reducing the slip 
length and hence the stress concentration at the grain boundaries. Each of these 
methods is considered in detail below. 

1. Alloying additions like scandium, and silver were tried to increase lattice 
misfit between 5' and matrix. This approach, however, was unsuccessful either due 
to the low solubility of the alloying elements or their negative contribution 
towards density, (like Ag and 2n). 

2 Co-precipitation of additional non-shearable phases was attempted by 

additions of Cu and/or Mg. Elements like copper having limited solid solubility, 
have a great strengthening affect by coprecipitating non-shearable particles with 

j 

Li. However, the higher copper containing phases promote anodic dissolution at the | 

grain boundaries which is not favourable. Magnesium is a well known solid solution j 

strengthener in A1 alloys. Mg reduces solubility of Li in aluminium and promotes 
the formation of greater volume fraction of S'. Mg reduces density linearly and 
improves corrosion resistance and strength in over-aged Al-Li alloys EiSl. Ai-Li-Mg 
alloys have shown a great commercial promise, e.g. the Soviet alloy 01420 
Ei4,16, 17,181. l#ien Cu is added to Al-Li-Mg alloys, it is possible to precipitate non- 
sheSratale phase S (Al^CuMg), which increases the strength, homogenises slip, 
siflspressBS the S'-* S transformation at grain boundaries and decreases the PFZ 
width, £19,2054J. In , Al^Li-Cu-Mg. alloys, if the Mg % is not adec^ate it gives r^e to 
the: ijr^ipitafcjon of rayT#*^. .then. S pha^,. p pha^ ,is i»?c}mpted only in alloys 
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having Mg > 0.7% £223. Both Cu and Mg strengthen the matrix and/or PF2 either by 
solid solution strengthening (as is the case with Mg) or by oo-precipitation ( as is 
the case with Cu). 

3 One method to combat the toughness problem is to add small amounts of an 
allaying element which would promote the formation of homogeniously distributed 
dispersoid. Fine dispersoids interact directly with dislocations, dispersing slip 
and inhibiting the formation of intense slip bands. Also, the dispersoids 
strengthen PFZ's. Dispersoids must be fine enough to avoid stress concentration 
at the matrix-dispersoid interface, promoting void nucleation and early crack 
initiation. 

Varying amounts of dispersoid formers such as Mn, Zr, Ti, Co and Y are 
studied in Al-3% Li alloys £233. The use of Mn with Fe as an impurity in Al-Li alloys 
to prevent intense planar slip resulted in predominantly intergranular failure with 
no necking £243. Incoherent MnAlg particles homogenised slip in the matrix, but 
strain localisaticn occurred in larger PFZ's in peak aged condition. Coarse MnAlg 
at interdendritic boundaries provided an easy fracture path. 

As the solid solubility of dispersoid forming element (Zr) is low in Al, it is 
extremely difficult to add an effective, fine and homogeniously distributed 
dispersoid in small amounts by a conventional ingot metallurgy. RSP processing is 
necessary to obtain a complete solid solution. Whilst, If the volume fraction of the 
dispersoid is low; their strengthening contribution becomes secondary in nature. 
Ti and Co were added by rapid solidification technique. Annealing around 500°C 
results in precipitation of AlgTi and CogAlg £233. The ductility of Al-3%Li was 
improved from 3.8% to 9.7% and 9.i% due to Ti and Co additions, respectively . It 
was attributed to delocalisation of slip. Another advantage of CogAlg is increased 
high temperature strength. Study on effect of Mo, Nb, W, Fe, Zr, Ni, Ti, and V 
additions in Al-Li alloys have been reported £253. As-splatted hardness increased 
notably. Mo demonstrates outstanding behaviour, both in stability at 540°C and in 
response to ageing at iSO^C. No Al-Mo phases were identified; the interpretation is 
complicated by inconsistencies concerning the identity of aluminide phases in the 
Al-Mo binary system. 

4 Coarse grain structure do sxihibit a lc»« ductility as a result of work 
hardening arwl stress ooncantrations at grain boindariss. Al-Li alloys are no 
exertion, tfrider commercial development of Al-Li alloys, th^ef ore, ccxitrol, of 
graki'' sti^ture 'Via grain refk»i3g',i6Witick« was 'an iiwnediate tas^. 
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Chromiun’i additions were strictly lirrdtad since it was proved to be hig.hly 
ineffective in inhibiting recrystaliisation in Al-Li alloys C263. Whilst, Mn additions 
form AlgMn disparsoid. However, the result was fully reorystallised structure. This 
was attributed to the dissolution of fine incoherent AlgMn during solutionising 
treatment together with the loss of manganese towards formation of coarse 
intermetallics like AliaCFaHn^sSi, AlgMnSi etc. C273 during solidification. 
Consequently, Mn additions received little attention in the later stages of 
commercial development of Al-Li alloys. 

Recently additions of the group 4A transition metals < Ti, Zr, & Hf ) was 
studied [283. These lead to duplex precipitation hardening behaviour throgh the 
formation of AlgCTM,Li) (TM = Transition element), which act as strengthening 
precipitates (due to its composite form) and also as a grain refiner. The 
improvement in mechanical properties by grain refining can be estimated by Hall- 
Petch equation. As strength is inversely proportional to grain size. Slip 
dispersion, reduced slip length and PFZ strengthening by AlgCTM) are primarily 
responsible for the improvment in meohanical properties. 

Zirconium appears to have two potent beneficial effects in the Al-Li system. 
First, alloys which contain Zr tend to have a finer grain structure than those 
containing either Mn or Cr, Second, the AlgZr precipitates retard recrystallization 
by impinging on grain boundaries and thereby inhibiting their migration. In 
addition, the AlgZr particles also contribute some dispersion strengthening to the 
alloy C29,303. The non-shearatale nature of the AlgZr phase is expected to preclude 
the intense slip localisation of binary alloys. 

Based on the above concepts a five-component composition registered as AA 
8030 was developed by ALCAN (U.K.), Pechiney (France), and f^_C0A. 


Designation 

Trade name 

Composition 

Others 



Li Cu Mg Zr 


8090 

DTD XXXA 

LITAL A 

CP 271 

2.20- 1.00- 0.60- 0.04- 

2.70 1.60 1.30 0.16 

0.00-0.20 Si 

0,00-0.30 Fe 

0.00-0.10 Cr 

O.Cra-0.15 Ti 

O.C^O.25 2n 
0.0p-0,i0 hfri 
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22 ■ Phase Eailifcr’ia And T ransf ormaticaTs 

2.2.1 2 Phase Diagram Of Binary Al-Li System 

The portion of the binary Al-Li phase diagram is shciwn in Fig. 1 C3i3. The 
principle phases of interest in the binary alloys are the equilibrium a CAl-Li solid 
solution)., equilibrium S (AILD, and metastable S' Metastable solvus lines 

corresponding to the S' phase are shown in Fig. 2 C323, The maximum solid solubility 
of lithium in aluminium has been found by miorascopio methods to be 4.2 wt % at 
the eutectic temperature <afaout SOQ°C) which controls the maximum allowable Li 
content in precipitational hardenable allc-ys [331 It is clear from the S' solvus 
lines shown in the Fig. 2 [321 that only the alloys with Li content exceeding 1.7 wt 
% can give rise to the metastable S' phase upon age hardening. 

The eqilibrium S phase has cubic (NaTl) crystal structui^e. The metastable 
phase S' h.as an Li^ type superlattice structure and is fully coherent with the 
matrix C lattice misfit ~ 0.08 '/, ) and has an interfacial energy “ 25 mJ/m2 [341 
Various values of lattice misfit parameter and interfacial energies have been 
reported in the literature and are summarised by Williams [351. S' is spherical in 
shape possessing a cube-cube orientation with the matrix. The sloping metastable 
solvus line towards the S' end indicates that non-stoichiometrio compositions may 
occur in S’, particularly at higher ageing temperature. The diagram calculated by 
Sigii et al. Fig. 1 [313 predicts a miscibility gap, which is metastable with respect 
to both the a-S and a-S' equilibria ; it therefore lies within the os+S' phase field. 
The practical consequence of this will be considered in the following section on 
transformations . 

Certain amount of uncertainties exist regarding the various solvus lines in 
Al-Li phase diagram [353, the determination of which by conventional 
microanalytical techniques proves to be very difficult due to the low atomic 
number of lithium. 

2.2.2 : Phase Fnilihfia MulticomDOTBrit Al-Li Based ^.istems 

Although limited amount of imformation is available on the various ternary 
systems involving two of the alloying elements (Gu and Mg), no sudi information is 
available for quaternary or the inore complex commercial compositions. The phase 
diagram of the, Ai-Li-Cu-Mg system has not been determined. The coimjercial 
produoticm of l^se cxanplex heat-treatable alloys requires a i^K^iledge of the 
solubility limits, of th« major alloying ^.ements so as to decide the hompgsenisihg 
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Al-Li system 



Atomic concentration of LI 


Fig. i Calculated Al-Li phase diagram , dashed lines are metastable ' (solid 

solution) - S’ (Al^Li) tMO phase boundary, and dashed-dot line is metastable 
miscibility gap for supersaturated solution. 
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arid solution heat treatment temperatures. Recently a study on the determination of 
solvus and solidus temperatures of commercially relevant compositions has been 
reported E363. The compositions covered the range 2.0 to 2.7 % Li, 0,5 to 2.S % Cu, 
and 0 to i.5 % Mg, refer Table I C363. The alloy no. 6 is equivalent to 8030 
composition. This table lists the apparent melting and solvus temperatures based 
on metallographic evaluation. All the alloys except #19 showed distinct a — a + 1 
phase equilibria, so the melting points can be considered to be solidus 
temperatures. Alloy IS was supersaturated and did not exhibit a single phase 
region. For purposes of generating solvus and solidus isotherms, the data were 
subjected to a statistical multiple regression analysis [373. The mathematical 
representation is as 

T (solvus) = 284 + 67. D (pot Li) + 34.6 (pot Cu) + 36.5 (pot Mg) eq. Ei3 

T (solidus) = 730 - 24.5 (pet Li) + 33.2 (pet Cu) - 49.0 (pet Mg) + 10.0 (pet Mg)^ 

eq. C23 

2r addition in quaternary Al-Li alloys forms metastable, coherent, Llg ordered 0' 
precipitate (AigZr or Alg(2r,Li)). The lattice parameter of 0' is close to that of 

aluminium. The phases in heat treated Al-Li-Cu-Mg-Zr alloys are shown in Table 11 

[383. The orientation relationship of T^ and S with the matrix appears to be the 
same as that found in the ternary alloys. 

2.23 i Phase T ransf or mations 
Si (A ljLi) Ffiase 

Quenching the Al-Li alloys from solutionising temperature, an alloy enters j 

i 

the a (solid solution) + S’ phase field and decomposes to produce lithium rich | 
Guinier-Preston (G.P.) zones. This reaction could involve classical nucleation and 
growth or spinodal decomposition within the a and S' spinodes. Evidence for such a 
transition has been adduced from the interpretation of DSC data E353. The first 

study to propose the existance of precursor phase to the S' was by Nozato et al. i 

[ 

C333. Since then, several studies using thermal analyses [40,413, resistivity [423, | 

and SAXS [43,443 have all shown similar results. The results by Papazian et al. [413 
are in excellent agreement with the calculations of the Sigli et al. [313. 

The alternative explanation for the thermal analysis data is that the 
thermal anomalies are manifestations of the fine S' that becomes sub-oritical in 

' - if’ * . . 

size as afiping proceeds and matrix stcersaturation decreases E453. This point ^was 
oonsidfr'ed at some Iw^th by ti^tK^adhyay et al. [403 >yho concluded that the 
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Table ! Oiemical compositions, melting paints, and solvus temperatures of AI-Li-Cu- 
(Mg) alloys. 


Alloy 

^Pec by Wt 


Melting 

Solvus 

Number 

Li 

Cu 

Mg 

Icinp. ( Cr) 

Temp. CC) 

1 

1.96 

2.68 

0.(K) 

595 

5(H) 

2 

2.23 

2.76 

0.00 

585 

525 

3 

2.40 l‘ 

2.66 

0.00 

580 

540 

4 

2.67, 1 

2.83 

0 (K) 

570 

560 

5 

2.58 i 1 

2.80 

0.18 

565 

560 - 

• 6 

2.47i:. 

L22.. 

0.67 

. 600 

515. 

7 

2.53 i,i 

2.13 

0.67 

565 

555 

8 

2.25,11 

2.06 

0.47 

585 

530 

9 

1.98, li 

1.89 

1.47 

570 

540 

10 

2.13. il 

2.38 

0,48 

575 

530 

11 

2.15 .1 

2.08 

1.03 

570 

540 

12 

2.37., 1 

0.53 

1.30 

605 

505 

13 

2.6^ !; 

t.73 

0,92 

575 

545 . 

14 

2.18 

li>l 

1.49 

560 

545 

15 

2.39 ■■ 

1.29 

0.76 

595 

515* 

16 

2.23 . 

2.52 

0.99 

555 

550 

17 

.2.48;:, 

1.86 

0.84 

. 570 

545 . 

18 

2.50 1 

,2.59 

1.06 

555 

in.solublc 

. 19 

1.99 1 

j2.70 

0.47 

570 

530 

20 

2.28 

1 1.72 

0.89 

585 

535 

21 

.2.35 

12.12 

0.72 

570 

545 

22 

•2.38 ' 

■2.03 

0.92 

560 

550 • 

23 

2.69 ' 

' 1.27 

0.79 

595 

540 

24 

2.47 

2.36 

0.69 

565 

560 


Table II Phases in heat treated Al-Li Cu-Mg-Zr alloys 


Phase 

Composition 

Crystal 

Sriicturo 

Stability 

Morphology 

6’ 

AbU 

LI 2 

Metastable 

Spherical 

8 

AILi 

Cubic 

Stable 

Equiaxed 

Ti . 

AfeUCu 

Hexagonal 

Stable 

Plate 

T2 

AtetbCu 

Icosahodral 

Stable 

Plate 

S' 

AbCuMg 

Orthorhombic 

Metasiable 

Plate 

S 

AlaCuMg 

Orthorhombic 

Stable 

Equiaxed 

P' 

AbZr 

Lta (Cubic) 

Metastable 

SpheriesJ 
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evidence i-jas firmly in favour of QP. zone model. A problem th-at remains is that 
the GP. zones have never beer, obsar-ved directly in TEH -or the FIM. TEH 
diffraction c-ontr-ast images will never reveal the G.P, zones because the inevitable 
presence of strong S’ contrast will mask the small strain contrast from the GP, 
zones, Therefore, it is necess-ary to use a technique such as high resolution phase 
contrast imaging which should easily distinguish GP. zones and S'. Alternative 
interpretations invoke very fine S' produced on quenching the formation of which 
would, of course, inhibit G.P. zone precipitation <spinodal decomposition). 

The study by Janos et al. C463 show that there is no ralavant structural 
difference between the precipitates formed at room temperature and those formed 
in the temperature range ±3Q°C to 200hC, The only difference is in the size and in 
the quality of the particla/matris interface and a probably higher defect 
concentration in the small particles. These differences, however, in the author's 
opinion do not require the introduction of a G.P. zone phase t^ihdch would be 
physically different from the S' phase. Therfore, it is the author's belief that the 
decomposition of the supersaturarad solid solution in Al-Li alloys of compositions 
between about 5 and i4 at% in the temperature range from room temperature to 
20Q°C takes place by the formation of metastabla S' precipitates and there is no 
physical reason to postulate another level of metastability, i.e. the existence of 
G.P. zones in this system. 

The interesting results by the same author C463 has shown that in 
artificially aged <at 160°C and 200°C) Al-Li alloys further nucleation of S' takes 
place during room temperature storage. The reason for this post-ageing 
phenomenon is •• significantly different solubility of Li in Al at iSO°C or 200°C and 
at room temperature, respectively. After artificial ageing, when the sample is 
transfered to room temperature, the solid solution becomes supersaturated again 
and consequently further precipitation sets in as confirmed by HREM. TEM and 
HREM micrographs reveal a bimodal distribution of S' precipitates with 
considerably different mean particle sizes. This precipitation taking place by the 
formation of new particles instead of further growth of the already existing large 
S' particles indicates that no significant nucleation difficulty is involved in the 
precipitation. This is consistent with the lower particle/matrix interface energy 
and misfit strain erw'gy in the case of the fully coherent S' precipitates. 

S' ^JgLi> nucleates preferentially at iS'(AlgZr)-a (matrix) int(»*f ace. There is 
also aviderKsa of Hg in S’ in Al-Li-Mg aUoys £473. Ma^^sium increases the latiica 
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parameters of both S' and matrix. The lattice expansion exhibited by the S' 
particles indicate the presence of Mg [473. When Mg level exceeds 2% or ageing 
treatments are prolonged (e.g, Al^HgLi forms). 

Xi and S E^sg 

Within the S090 c.ompositian specification, changing the Mg content cf the 
alloy cha.nges the relative proportions of B CAl^CuMg) and (Al^CuLi) phases. When 
Cu Mg proportion is more than 2, predominates E223. But, whan Mg content is 
increased to the level of Cu : Mg proportion of about 2, is replaced by S phase. 
Magnesium content of atleast 0.7% is necessary for S precipitation [223. Both 
and S precipitation is encouraged by deformation prior to ageing; precipitation is 
preferably at the dislocations and sub-grain boundary region. 

An alternate method for widespread precipitation of S phase involves 
increasing the amount of Cu and Mg supersaturation in the alloy such as the 
situation in the 8091 alloy. The strong lithium/vacancy interaction slows the 
kinetics of precipitation of S phase in more dilute 8090 alloy. Therefore 
homogeneous 'S' is net obtained by usual ageing practice. Low temperature ageing 
or natural ageing results in the growth of S' and the simultaneous liberation of 
bound vacancies thereby aiding hpmogeneous precipitation of S phase [483. 
tALjZr) Phase 

Three possible f3' nuclaation mechanisms were suggested ; homogeneous 
nucleation, preferred nuclaation at T phase, and nucleation which leads to 
discontinuous precipitation [493. But in general, during homogenisation high density 
of 0' particles is formed. It has been deduced that it forms via homogeneous 
nucleation, since the preferred nucleation and discontinuous nucleation did not 
bring about fine dispersion of 0'. It forms in the early stages of homogenising 
(around 500°C). 0' is a metastable, sherical and ordered phase. It has Li^ type 
structure. Dispersions of these particles are very stable at the solution 
treatment temperatures due to low diffusion rate of Zr in A1 C503. Diffusivity of 
Zr in A1 has been estimated to be about iO"^^ am^/seo. The AlgZr dispersoids acts 
as a heterogeneous nucleation sites for S' during ageing. This results in a duplex 
S' in the matrix (Bull's eye or Do-nut structure) [47,513. 

S fAH » Rtasre 

The meohanian of Vm formation of S phase is still uiknow. Niskanen et al. 
£153 have suggested that the fcrmatic»i of S on grain boundaries is llie resjjlt of 
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preferential coarsening of S'. The boundaries provide the energy required to 
ovarcome the interfacial energy barrier of the S'-» S transformation. However, 
Venables et al. C523 presented diffraction evidence for the nucleation of S at a; 
(matrix)/S' interface. To support this argument it was proposed that S must form as 
a coherent precipitate and transform to an incoherent precipitate later on its 
development. Given the enormous difference in lattice parameters (about 50%) 
between S and S', and the difference in crystal structure, this mechanism must be 
considered doubtful E351. Williams et al. [533 suggested that the small amount of 
lattice strain generated by coherent S’ phase is not sufficient to justify its 
possible use as a nucle.ation site for S. 'Williams E533 hence suggested that S 
nucleates heterogeneously on the grain boundary and within the matrix independent 
of S'. 

Tg Phase 

The T 2 -Al^Cu(Li,Mg)a compound has been reported to precipitate during 
casting. It is undissolvable during homogenising and subsequent processing of the 
alloy. Tg also forms along the grain boundaries in peak-ageing and over ageing of 
Al-Li-Mg based alloys E54,63. Its formation during ageing with S at grain boundaries, 
leads to weakening of grain boundaries. It aids 5' PF2 form-ation ad.j.aoent to grain 
boundary. It has raised a considerable interest since the discovery of its quasi- 
crystalline structure E553. The homogeneous nucleation and coarsening of Tg is 
observed in 2091 (Al-Li-Cu-Mg-Zr) alloy E563. Precipitation of Tg inhibits the 
benefit of S nucleation by stretching before ageing to the T 651 or T 8 tempers 

E573. I 

[ 

Crystallographic details of the phases occurring in Al-Li-Cu-Mg-Zr alloys | 
are summarised in Table III E583. | 
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Table III Crystallographdc details of phases ocxjurring in Al-Li-Cu-Hg-Zr alloys 


Phase 

Crystal 

structure* ■* 

Orientation 

relationship 

Remarks 

All.i {<')) 

C'ubic (Na 1 1) 

(HKVydlOL, 

liquilibrium phase 


638 

(onutii!),, 

(Oi !),.(( n2K, 

Habit plane (111) 

in the form of plates; 
addition of Cu or Mg 
diKs not affect the 
lattice parameter 

AljU {<5') 

Cubic (t.lj) 
u = 04()l 

Cube culve 

Metastable, coherent 
and ordered phase; 
spherical shape; 
lattice parameter 
' varies slightly 
with Cu or Mg addilioj 

AliCuU(7\} 

Hexagonal, 

rii2oy/c2nK, 

Partly coherent; 


u--: 0 4965 

{(H)0l)^/(lll),, 

coprecipilales with S' 


<• = 0 9345 

(ioi0)/;{n0)„ 

Halnt plane (111) 

for low Cu/l,i ratio 
(2 5(*u 2Li)uiall 
tcnt|Krauircs; above 

171) C for medium Cu:l 
ratio (3-5Cu H'SI.i); for 
high CuJ.t ratio 
(c.g. alloy 2020) 
precipitation sequence 
follows that in Al-Cu 
s>stem 

Al,.(Hin,(l;) 

< ‘ubti". 

u 1 3‘>14 


1 icosahcdial 

symmetry 

Ai, jCujjl.ijC 1 u) 

Cubic 

(imn/dio),, 



<j- 0 583 

(ooi),;((X)i),, 


r 

'I etf agonal 

(ooi),:((K)i),, 

Atomic ratio of 


0 575 

(HHVdnoL, 

t'u to Al is foumi 


c = 06U8 

(0i0},.«ii0)„ 

to be in the range 

0 5 to 10 

Al/ uMg(,V') 

Ortluulunnbic 

(HK)),;(HxnM 

Semi. coherent; rods 


a 0 401 

(Oio)^HO>i)„ 

glow along 


/>. 0925 
<•=0 718 

((X)1),:(012)m 

whieh widen forming 
laths in {210};^, 

Al2CuMg<S) 

Orlhotlmmbic 
a -0 41K) 
h .0923 

Sinniar to S' 

Forms by coherency 
loss of S' or by 
hclcfogcneous 


<' = 0 714 

{tl0),"(110)^, 

nuclcation on grain 
boundaries; incoherent 
equilibrium phase 

AIjMgLi 

Cubic 

- Growth direction 


<i=s200 

(HOI/HIUm 

<no>^, 

AlLiSi 

Cubic 

<1-0-594 



Al^Zr 

Cubic tlJ,0 
u 0 4(i5 

CuIk cube 

Spherical, coherent 
and oKlcicd dispcisoid 
particles loumi in 
zirconium-containing 
alloys 
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2.2.4 : 1^ STUDIES 

DSC is a useful technique to study the precipitation process. A thorough 
understanding of the energetics arid kinetics of precipitation and dissolution of 
phases is possible. The DSC technique detects the heat flux into or out of the 
sample, caused by the imposed temperature programme. The output of DSC is 
generally presented in mw against temperature or time. The formation of 
precipitating phases is an exothermic reaction whilst their dissolution is an 
endothermic reaction. Mukhopadhyay et al. [4Q3 have used DSC measurements to 
investigate the role of Zr additions to the binary Al-Li system and quaternary 
alloy (8090). The DSC thermograms for Al-Li, Al-Li-2r, Ai-Cu-Mg, Al-Li-Cu-Mg are 
shown in Figs. 3-6 [401 respectively. The explanation for the abbreviation A.Q., 
N.A., and A. A. is provided in Fig. 3. 

The as quenched material of Al-Li alloy shows exothermic peak (A) at the 
starting and this behaviour is terminated by the endothermic reaction at i30°C (B). 
Peak (A) is attributed to Al-Li G.P. zone formation, whereas andotherm CB) has 
previously been attributed to fine S' dissolution C593 or G.P. zona dissolution 
[39,413. But the work by Baumann [603 and Papazian et al. [411 showed that the small 
S' ofaerved at room temperature is stable against reversion to much higher 
temperature 170°C for 2.5 wi% Li alloy). This view is reinforced by the 
observation of the 130°C endotherm in natural aged samples. Therefore, it is 
concluded that there is indeed a second metastabla precipitate phase present 
additional to S'. This may well be in the form of Q.P. zones, which are not imaged in 
TEM because of the presence of the very fine S' which dominates the 
microstruoture. The results imply that S' and G.P. zones grow competitively at room 
temperature storage and natural ageing enlarges the i3Q°C endotherm peak and is 
observed to produce larger S' particles. The absence of this i30°C peak in 
artificially aged samples implies that the G.P. zones have been completely replaced 
by S'. The i70°C exotherm is attributed to S' precipitation and S' dissolution peak 
at Peak is well above S' solvus temperature, and is possibly truncated at 
hig^i temperature, by the exothermic S(AlLi) formation reaction. In the author's 
opirdon, the explanation for broadening of Dg CD^ and Dg) based on dissolution of 
different diameter S’ is misleading. The broad^ng of D^ dtr'ing ageing ( artific^l 
OP natur'al ) is related to the concentration of Li in solution compared with the 
posi^on of :S' solvus ; In as-quenchiad materials a lofc^er vokm« fraction of S' is 
pre^ot on healing in the DSC aiiove thsai in either of the other two oases. 



TKMfKRATUKI? < *0 


TKMRKRATURR C -o 


Fig. 3 Specific heat capacity curves 
for Al-Li alloy. 


Fig. 4 Specific heat capacity curves 
for Al-Li-Zh alloy. 
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Hence the concentration of Li in solution is greater and closer to that of the S' 
solvus: the driving force for dissolution of S' is least. In the artificially aged 
condition the volurrie fraction of S' should decrease by a factor of 2 between 200^'C 
and 250°C to maintain the equilibrium concentration of lithium in solution so there 
is the greatest driving force for dissolution in this condition. The TEH 
observations suggest a decrease in S’ volume fraction although remaining particles 
retain their size or even coarsen. 

Zirconium additon to Al-Li system shows (Fig. 4) absence of iSO^C G.P. zone 
dissolution andotherm. The absence of peak is related to the more 5" formed 
during quenching: either due to slow quench rate or by additional precipitation of 
S' on jS'CAlgZr) particles. However, no definitive TEH observation have been made to 
support this suggestion. The exotherm (C) is consistent with the growth of a largar- 
size S'. The remaining endothermic and exothermic behaviour is similar to that 
reported and discussed for binary Al-Li alloy. 

In Ai-Cu-Mg (Fig. 5), the endotherm (E) at 220®C is attributed to Al-Cu-Mg G.P. 
zones dissolution implies that their formation have taken place during quenching. 
The slight exothermic instability below 100°C is related to formation of there G.P. 
zones. The exotherm at 270°C (F) indicates precipitation of S phase. In naturally 
aged condition peak <E) is more pronounced as a result of the increased Q.P. zone 
formation. Whereas artificial ageing completely supresses (D peak Al-Cu-Mg G.P. 
zone dissolution peak, indicates complete precipitation of S phase during ageing 
treatment. 

The presence of exotherm (Q) at 90®C in Al-Li quaternary (8090) alloy <Fig.S) 
is related to the same trend observed in Al-Cu-Mg alloy (Fig. 5, (A .Q .sample) Al-Cu- 
Mg; G.P. zone formation). The presence of Li inhibits their formation during 
quenching, which occur in Al-Cu-Mg alloys. The explanation is lower free vacancy 
concentration a;vailable because of higher Li-vacancy binding energy. Natural 
ageing and artificial ageing eliminates (G) peak, presumably G.P. zona formation is 
complete. Exotherm (H) is formation of S’ precipitates. It is followed by a^dolhe^m 
(I) at 230°C which correspond to the lower temperature range 8’ dissolution and Al- 
Cu-Mg G.P. zona dissolution. The thermal fluctuations at T can be interpreted as 
the result of superposition of the S’ dissolution and S precipitation reactions. 
Over' the range of the exothermic peak <K), the S precipitation eiosthem (270®C) aisi 
overlaps at higher tempa^atura with the S formation exotherm observed at abou 

^ A If I '.V nf *11 - JLM .... 1.. . . I. . ' JX... .i— , 
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the endotherm at 130“C (L) is present (Ai-Li G.P. zone dissolution peak). Presence 
of Zr in binary Al-Li removes this peak. In that instance, it is suggested that 
presence of Mg, which reduces Li solubility in aluminium reduces the driving force 
for Q.P. zone formation. However, the presence of i3G°C endotherm remains matter 
of speculation. Artificial ageing at 1S5°C for S hours can not complete S phase 
precipitation. Further precipitation takes place during DSC heating. It causes the 
the^^f^al fluctuations at (J) peak, rather than the broadening of D 2 plateau as in Ai- 
Li-Zr. This is in contrast with Al-Cu-Mg system, which suggests that presen-ca of 
zirconium delays the formation of S phase. 

2.3 i Heat Treatnant Results 

The solutionising temperature of the alloy should be optimum to achieve 
better balance between dissolution of equilibrium phases and to avoid liquation 
problem in more concentrated alloy. Surface depletion of solute elements (e.g. Li 
and Mg) during high temperature treatment should be given proper attention during 
subsequent processing. In general, higher the solutionising temperature, higher the 
peak hardness during subsequent artificial ageing. Fig. 7 IS 13 reflects the effect 
of solutionising temperature during i90°C artificial ageing of the Al-Li-Cu-Mg-Zr 
alloy. Solution treatment at 530°C gives maximum peak hardness <142 VPN) during 
artificial ageing at 190°C. 

The effect of three different solutionising temperatures and natural ageing 
(24 hours) on 8090 alloy (Alloy A) during ageing at i90°C is shown in Fig. 8 1621. In 
Figs. 7 and 8, higher solutionising temperature gives higher peak-hardness 
probably because of two reasons i) degree of dissolution of intarmetallics 
increases and ii) higher density of quenched in vacancies; both the effects aid 
precipitation of S phase. In Fig. 8, natural ageing shows that it inhibits the onset 
of overageing. 

The effect of stretching on the ageing respose of 8090 at i90®C, is shown 
in Fig. 9 ES33. The unstretohed material reached the peak hardness of 147 VHN 
after 12 hours. While material with 3'/, and 6% showed the peak hardness of 153 
VHN and 157 VHN, respectively within 8 hours. All hardening curves had a plateau 
and a measurable decrease in hardness occured after 36 hours. This study shears 
that increasing the degree of stretch increases ti^ peak-hardness during ageing. 
This is ^ more density of dislocations prochjoed during hiflt»eP degree of .cold 
tw'k, tfTer^by leading enhanced precipitation of S prfiase ch-ring ^tificial , ageing. 
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Fig. 7 Age hardening behaviour of Al-Li- 
Cu-Mg-Zr alloy under different 
solutionising conditions at ISO'^C. 


Fig. B Ageing curves at 190 C 
after various solution treatments 
and natural ageing at 190*^C. 
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Fig. iO lS 4] rsfiacts the thermal ageing .’-•ssponsa of Al-Li-Cu-Hg-Zr alley at 
i90°C with different pre-ageing histories (direct ageing, stretching, and natural 
ageing). Naiur-al ageing period of 14 days seems to decrease the peak ageing time, 
when compared to 24 hours in (Fig. 8). Higher peak -hardness of a stretched sample 
during subsequent ageing indicates the similar result as p.'-esented in Fig. 9. 

2.4 i Prca^essinq-Micy-ostr^icfaj^e-Properties 
2.4.1 : AL^JL m 

In multicomponent Al-Li alloys, during quenching from solutionising 
temperature the S’ particles form homogeneously throughout the matrix very 
rapidly. The ageing treatment to produce significant precipitation hardening 
involve temperature range of i20®C to 200*^0. Artificial ageing time should be less 
than 24 hrs at iS0°C and maximum ageing temperature should be about 190°C to 
prevent the formation of equilibrium precipitates. 

Presence of S' produces pronounced co-planar slip, and this leads to poor 
ductility. Co-planar slip also contributes to anisotropy of mechanical properties 
ESI. Basically, the slip tends to get confined because of precipitate (S') shearing, 
which makes further dislocation motion confine to the slip plane and thereby 
develop a stress concentration, usually at the grain boundaries, which in turn open 
up grain boundary cracks and induce failure. PF2 adjacent to high angle grain 
boundary assists this intergranular failure by promoting plastic crack opening in 
the soft PF2 ES5]. 

The coarsening of S' during ageing is diffusion controlled process and 
follows the classical t^"^® law, the coarse particles growing at the expense of finer 
ones. The Lifshitz-Wagner CSS, 673 theory of particle coarsening yields : 

r^® — rQ® a: K (t - tQ) eq.CSl 

where K is defined by the expression, 


K 


8 e (ilsq D 

sir 


eq.C43 


where Tq and r^. are the mean particle radii at the start of coarsening (Iq) and 
after a^ing fca^ time t, respectively, e is the inlw'ficial ^TQ~gy of the 
precipitate, D is the diffusivity of the sciutSi Ceq is the equilit»'it«n owxsentration 
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precipitate. The linear relationship between cube of the average particle size and 
ageing time has bean obser’..'ad in Al-Li-Cu-Mg system by [683 and presented in 
Fig. ii. The linear curve passes almost through Ih-s origin indicating that the 
nucleation of S’ occu.''rad during the quenching. A similar observation has been 
rfiade by Noble et al £693 in a series of alloys containing 0, 2, 4, 5, 7, !□ and 14 at% 
Li. At temperatures greater than 200°C,, coarsening deviates from the law and 
S’ coarsens more rapidly. The size of S' is also related to the strength in these 
alloys. Hardness increases almost linearly with diameter of S' particles till 14 nm. 
The coarser S’ particles result in a decrease in hardness value £703. 

2.4.2 : AlgZr 030 

Addition of Zr (approximately 0.12%) in Ai-Li-Cu-Mg gives rise to & (AlgZr) 
particles, which refine grain size and inhibit recrystallisation taking place during 
mechanical worKdng and heat treatment £223. AlgZr particles have a pinning effect 
on grain and subgrain boundries during annealing. The high antiphase boundary 
energy of the metastabie AlgZr rules out particle cutting during deformation. The 
coherent AlgZr interface imparts a high drag force to the recrystallisation front 
since the precipitate matrix interface must change from coherent to semi-coherent 
or incoherent as the recrystallisation front passes. In other case the particles 
must dissolve and re-precipitate after the boundary passes, if the orientation 
relationship is to be maintained; either of these two process requires 
considerable energy. However, inhibition of recrystaliisation gives rise to highly 
textured structure which promotes anisotropy in the material. 

The AlgZr phase is proved thermodynamically stable in PFZ. Thus PFZ is 
strengthened, and the alloy is less prone to intergranular failure £233. It also 
improves the toughness and stress corrosion resistance £?i3. Sastry et ai. £723 
found the yield stress of Al-3%Li-Q.3%2r alloy at 250°C to be iSO-200 MPa higher 
than that of the Al-3%Li because of the presence of i-2 tlm subgrains in the Zr 
containing alloy. 

2.43 : Al^CuMq (S) 

In quaternary alloys containing Cu and Mg, modification of slip behaviour 
can be induced by the precipitation of S phase. In the solution-treated condition, 
the subsrain intericw's are generally free from the dislocatioh loops and helices 
in Al-Li alloys. The abseree of these defects is attributable to the high lithium 
vacancy binding energy (0.25-0.26 eV> £42,733. In dilute alloys ageing in the range erf 
170^C-4.^®C gives rise to precipitation of arW S pha^S at dislocations and sub 
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i-iiiihin 24 hrs, tharby indicating that S orecipitation is sluggish 


S phase is effective in breaking up the ocplanar slip and consequent sslrain 
localisation. It changes failure :it5echa.nisrn frarri one of the long range planar shsat 
to one involving substantial amounts of ductile tearing. In .addition to substainticsl 
improvement in toughnessj the role of 8 phase in promoting homogeneou- 
deformation has a second consequence; the material is capable ot displaying 
isotropic properties even though a strong texture is present in the Zr refined 
material (unracrystallisad). Tenure development alo.ngwith planar slip is harmful to 


toughness . 

Homogeneous precipitation of S phase during commercially viaole age 
hardening treatments is not possible due to Iovj density of quenched in defects to 
act as nucleation sites [483. The use of pre-ageing stretch, natural ageing prior to 
artificial ageing, and slow heating to final ageing temperature results in 
relatively hetrogeneous precipitation of fine laths of S phase. 

2.43.1 : Effect Of Cold HcHdna 

S phase nucleates preferentially on stray dislocations and upon subgrain 
boundaries, and a more uniform distribution is produced if the solution treated 
material is plastically stretched prior to ageing. The primary role of dislocations 
introduced during deformation is to provide nucleation sites for S phase tS2,743. 
The application of increasing stretch appers to produce an increasing size of S 
and T^ (Al^CuLi) phase particles in 8090. However, The increased precipitation of S 
at the expense of T^ results in a more homogeneous distribution of slip, and give 
rise to improved toughness and more isotropic properties in a taxured sheet 
product C63. T^ is relatively ineffective in breaking up co-planar slip- 

Prefered precipitation of S phase can be favoured by choosing appropriate 
Cu:Mg content. It may be inferred that the dislocations introduced also act as pipe 
diffusion channels for Mg and Cu, so that enhanced particle growth rates 
determine the particle size [733. In ccnsidar’ing the stretched samples, an increase 
in yield stress is apparant, but it is notable that the 7% stretch results in a 
structLT'a of lower yield stress than 4% stretch. This ji^'estmabiy is because of 
softening arising from the incnaase in size of the S phase particlss (ar^ tl^ 
coarser disperlion) outi^eighs the contribution to . strength frew . 
dislpo^tion stryoture. The eff^t of jM~e-ageing sAretc^ an ageing curve is 
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in Figs. 9 and iO in section 2.3. However,, this oj^e-a-gaing st.'-'stch raet.hod is 
inapo.-opriate in c.ori'.'Tiercial pr-aciice, where final alloy product may .''■equina to ,be 
ra-solution t.^eated before agei.ng. 

2.4.3 ,2 i Effect Of Natural Aagina 

The solution treated and quenched material is retained at room temperature 
for natui'al ageing, Hioi'-ostructurally the observable changes are the development 
of S’ dispersion a.nd the formation of dislocation loops and helices throughout the 
matrix. In addition to providing hetrogeneous nucleation sites for S phase via 
dislocation loops and helices produced, .natural -ageing promotes the formation of S 
phase upon subsequent artificial ageing. Quenched in vacancies are bound to 
lithium atom clusters (SO in the as quenched condition. During .natural agei.ng, the 
vacancies are released and they may be responsible for homogeneous precipitation 
of S phase during artificial ageing. The existance of percursor to S phase is not 
reported during n-atural ageing by TEM. But the DSC thermogram of 3090 samples, 
90 days naturaly aged showed the absence of formation peak for Al-Cu-Mg GP zone, 
which occurs in as quenched sample C401 

The study by ES2] has shown that in 8090 samples sub.jeoted to natural 
ageing for 24 hours, the initial artificial ageing response was unaltei'-ed compared 
to directly artificially aged sample. But the natural ageing has inhibited the onset 
of over ageing. Wheras in case of 1400- ISOO hours natural ageing for the same 
sample showed overageing is inhibited and the overall hardness values are higher. 
Overageing is inhibited probably due to more widespread precipitation of S phase 
as compared to artificially aged sample without natural ageing. In 1850 hours 
naturally aged samples S phase was observed within 4 hours at i90°C. In general, 
increasing the natural ageing period results in an increase in the size of S 
particles developed for any artificial ageing treatment E623. The study by Ozbilen 
et al. £753 has shown the presence of thin needles of S phase after prolonged 
natural ageing (15 months at room temperature) in Al-0.82'/, Li-1.96'/, Cu-0.84y, Mg 
alloy. However, it is clear that to promote widespread S phase, longer nattr-al 
ageing period is required. There arises the question of industrial acceptance. 
ZA33 I Effect Of Slow Heating Rate 

It has been shown that slow heating to the ageing temperature can lead to a 
better balance of tensile strength and toughness in 8091 (Ai-2.40% Li-2 .07% Cu- 
0.76% Mg-0.ii% 2r> alloy £763. The mechanism of enhanced precipitation of S phase 
by slw heating is probably related to the release of vacancies. It has been 



suggested that the vacancies trapped in solid solution on quenching C bound to S’) 
are released as the S' grows [43]. In the slow heating,, as the temperature 
increases, S’ grows and vacancies are released. The vacancies around Al^Zr 
particles (due to enhanced precipitation o? S' around .Al^Zr), condense to form 
loops which can expand by capturing more vacancies on ageing and provide sites 
for subsequent nucleation of S laths. The slow heating to the agei.ng temperature 
perhaps results in a more controlled release of vacancies as the S’ precipitates 
coarsen, (compared to that for direct ageing), and as ageing progresses, 
homogeneous S is also formed more readily as extra vao-ancies which have not 
condensed to form loops become available.; i.e, at a temperature high enough for 
precipitation of S phase, the vacancies assist the formation of 3 phase rather 
than to form loops, perhaps by aiding the widespread formation of a precursor to 
the S phase. 

The increase in strength obtained by slow heating to i30°C in 809i alloy 
must be due to the additional time at elevated temperature before final artificial 
ageing temperature is reached E75]. The S' size is larger for a given time at the 
actual temperature ( slow heating to i90°C and holding for 10 hours results in S’ 
with size of 25 nm, as compared to direct ageing at 190°C for IS hours resulted in 
S' size of 20 nm). This means that for a required S' size (strength level), a shorter 
time at the ageing temperature is needed. It was hoped that this would reduce the 
amount of grain boundary precipitation, but the evidence for this was inconclusive. 
The lower value of proof stress obtained in the same investigation suggests that 
ramping to the ageing temperature may not benefit as effective as cold working, 
but it improves ductility and toughness. The enhanced precipitation of S phase may 
improve resistance to SCC. It has been shown that cold working prior to ageing 
decreases SCC suseptibility, and it is believed that this is due to the 
precipitation of S phase on the dislocations within grains, reduces the driving 
force for preferential anodic dissolution at grain boundaries where there are 
copper-rich particles C77]. This method seems to be best alternative, where natural 
ageing time or cold working of the component before artificial ageing is not 
feasible. 

The study by Ahmed et al. C683 on the 8090 alloy has shcH^iin that S phase 
forms by hetrogeneous nucleation on dislocation loops arri helices. The average 
particle volijme V and surface area A, were calculated fron the S laths. The 
effective particle radius re is, acccwrcling to I4a^ner [671, 



re = 


2 ( dV ) 
( dA ) 


eqX5] 


A plot of r-e'^ vs ageing time (Fig. 12 on page 22) C68 j is a straight line for ageing 
times up to 43 hours. For ageing time more than 43 hours the coarsening rate is 
reduced. The value of K is given by the same equation (eq. 4) applied for S' 
coarsening (see page 21). 

2.4.4 : Grain Boundaru Precipitates 

The presence of grain boundary precipitates is one major source for the 
intercrystallina failure. Premature failure could occur via void formation at the 
hard gr.ain boundary precipitates, facilitated by the surrounding soft PFZ material 
[78,791. In any event, more and larger G.B. precipitates, as seen with increasing 
ageing time, produce worse ductility value. This is supported by the observation 
that the ductility is decreasing with ageing time; it is clear that the PFZ width 
increases with ageing time, and that a wide PFZ should give higher ductility 
than the narrow one [77,80,811 so that the decrease in ductility with ageing time 
can not be attributed to widening of the PFZ. 

The grain boundary precipitates can be broadly classified into two 
groups: firstly, the coarse particles, which form during solidification and 
survive the subsequent heat treatments and secondly, the particles which 
precipitate during artificial ageing. Former type of precipitates include iron 
and silicon phases and Tg phase. The iron and silicon phases are discussed in 
section 2.4,6. Formation of latter type of precipitates depends on ageing 
temperature and time, alloy composition, and to some extant preageing parameters. 
The age hardening phases like T^ and S which form at low angle grain boundaries 
will not be discussed. 

Equilibrium S has been reported as the principle high angle grain boundary 
phase in all Al-Li alloys [821 Due to its reactive nature, retention of S during 
the preparation of thin foils for TEM observation is difficult. Hence, its 
presence at grain boundaries is reported only by a few investigators [181 
The presence of this 8 leads to S' PFZ at the grain boundary, i«#iich causes 
localised lithium denudation. 

In magnesian containing Al-L.i alloys, Harris et al. [183 identified coarse 
AlgLiMg precipitate at grain boundaries, whicdn is favoured by incaneasing magnesii»{ 
content. The other grain boundary precipitate reported in 8090 and ®391 


alleys is icosohedral I-phase (AisCu(Li,Mg)g.:’ [S3]. This ph.ase forms during tha 
quench and grows as snaka-like precipitates along grain boundaries. Recently, tha 
detailed investigation of Owen et al.[S43 an grain boundary precipitates in AA 
SOSO shows no evidence of stable S in the peak and over aged conditions. The 
author has concluded that an I phase reported by Cassada et al. [S23 is tha 
rf!a.jor grain boundary precipitate and responsible for S' PFZ formation. Other 
complex C phase .has been reported in overaged alloys [S53. All the above 
mentioned G.B. precipitates are detrimental to the fracture toughness. The study 
by Ahrens et al. CS6] reports that 6% stretch prior to ageing does not alter the 
distribution of grain boundary precipitates. 

The deterimental effect of (Na, Ca, K, and S> tramp elements is well 
established. The alkali metals form aggregates of liquid at room temperature 
and assist fracture at grain boundary. However, it is found that the fracture 
toughness of the material increases, when tested at c.'^yogenic temperatures, 
la i Phase 

It preferentially precipitates at grain boundaries, which is deleterious to 
fracture toughness. Its precipitation increases tha 8’ PFZ width. The strenthening 
effect of Tg is very low. It behaves as the AljLiMg phase, which causes no 
hardening increment in overaged alloys. 

2.4.5 : R~^iDitate Free Ztanes flpyZs) 

The observation of Precipitate Free Zone (PFZ) adjacent to grain 
boundaries is a common occurrence in many age hardenable aluminium alloys. Poor 
ductility and fracture properties of Al-Li alloys have been linked to the 
presence of PFZ's in the microstructure C873. fc-Jhen Al-Li alloys with sufficient 
solute are quenched from the single phase field and artificially aged, the S' 
precipitates homogeneously in the matrix. During artificial ageing the S' particles 
begin to coarsen and the time dependent coarsening rate follows Ostwald 
ripening kinetics E883. In addition to the coarsening of S' particles in the 
matrix, preferential growth of the equilibrium phase S (AlLi) occurs on the grain 
boundary. The solute necessary for the continued growth of S is supplied by the 
dissolulicwTi of S' particles in the vicinity of the grain boundaries [89,903. 

PFZ formation has been explained either a vacancy depletion or 
a soUite depletion mechanism C9i,92,933 In case of vacancy depletion, a vacancy 
ooncerttratiiyi profile develc«Ds near the grain botrkferies in a solution heal 



treated and quenched alloy. At a te.’siperature above the critical temperature 
for homogeneous nucleaticn, an eKcess critical vacancy concentration is required 
for the nucleaticn of the precipitating phase. Near the grain boundaries, the 
vacancy concentration is less than the critical value, -and hence no precipitates 
form and a PFZ results. In the solute depletion mechanism, the solute 
preferentially segregates to the grain bound-aries after solution heat treatment 
and quenching. The solute concentration profile forms near the grain 
boundaries, A certain minimum solute concentration is required for the 
homogeneous nucleaticn of the precipitating phase. Therefore, the presence 
of a PFZ in this case can be explained by an argument similar to that for 
the vacancy depletion machanism. 

The PFZ width Ch) in the unrecrystailised Al-Li alloys (containing Zr) is 
quiet non-uniform. Some boundaries are associated with very large PFZ's while 
no PFZs are observed at others. The average PFZ width in the 
recrystallised alloy, however increases parabclioally with time. The PFZ growth 
rate is more in unrecrystailised alloys than in the recrystallised Al-Li alloys 
(containing Mn). It has been found that a relationship of the type h = K is 
valied C943. Where, h is half PFZ width and t is the ageing time. The parameter n 
is reported to be between 0.33 to 0.5. The parabolic dependence of PFZ growth 
on time suggests that this process is controlled by the diffusion of Li to 
provide the solute necessary for the continued growth of 5 particles at the 
grain boundaries. On the basis of diffusion controlled process £89,953 reported 
that, 

h = 2 b sq.C63 

where, b is obtained from the transcendental equation, 



= ( IT b exp(b®3 Brf(b> J 
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In the above equation, D is the interdiffusion coefficient, and Cg, are the 
concentration of Li in the matrix in equilibriun with the S and 5' phases 
respectively, and Co is the original composition of the alloy. But this 
formulation involves the assumption that the grain bouTdaries act as an infinite 
sink for the solute and neglects the mass balance related to the formation of 8 
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Table |V Insol ubl e s in A1 Li alloys 


Phase 

OvHtal stiuctuic 

I nttlif paiamclrrliim) 

Al 7 ru 2 pe 

AIj u 1 ’ C 4 

Tetragonal 

Orthorhombic 

a=-06?.16, 1487 

a - 0 7664. h - 0 6441, 
r 0 8778 

Al2oL^J2^^t)j 

Orthorhombic 

(1-2411.6=- I-25I 
c = 0-72 

AUFcSi* 

Monoclinic 

0-0612.6 = 0-612, 
f = 4-I5./? = 9r 

AlflFcjSi* 

AIft(CiuFc,Mn) 

Hexagonal 

Orthorhombic 

o»-. I 2.^f -= 2-6.1 

0 = 0 646, 6 = 0746 
•f = 0879 

AIt 2 (Fe,Mn) 3 Si* 

Cubic; space group Pm 3 

0 = 1-265 


* 10 clifTcrcnt AI - f-c-Si phases have been reported in the literature (P Skjerpe 
1987 MeUilL Trans. A!8 189); one or more of these phases may appear in the 
commercial Al-Li alloys 
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particles at the grain boundary. The study by Jha et al. [933 (Fig. 13) c 
mass balarfos and the solution for the PFZ Nidth by The Linear Soluticn Method is 


as follows, 
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The activatiDn energy determined for the PFZ growth process is 144 kJ/mol, 
which agrees with the activation energy for the diffusion of Li in to « - Al 
(136 kJ/mol) [363. 

The occurrence of S PFZ has been reported in SQ91 Al-Li quaternary alloy 
~ 0.5 lim E7S3. Another S PFZ has been reported in 8030 Al-Li alloy by Shakesheff 
et al. C973, to be (about 0.1 p,m :■ ad-jacent grain boundaries. But, absence of S PFZ 
adjacent to high angle grain bourndary is reported by Sinko et al. CS33 in 
stretched 8030 alloy. The explanation is the dislocations in the vicinity of grain 
boundary serve as competing nucleating sites for the S precipitates and 
decrease the probability of developing wide PFZ's due to perferential grain 
boundary precipitation. 

2.4.6 i Nature Of Insolubles 

impurities such as iron and silicon present in commercial Al alloys can 
give rise to various insoluble particles (inclusions) which are shown in Table 
IV C583. The AlLiSi phase occurs in Si containing alloys. The insolubles are 
usually coarse and have complex crystal structure. They offer heterogeneous 
sites for formation of 5 (AlLi) and hence allow the formation of a precpitale-free 
zone (PFZ) in the matrix. They have a significant influence on precipitation 
and recrystallization characteristics in addition to the adverse effect on 
ductility and fracture toughness. Rapid solidification technique can lead to 
refinement in size of these insolubles. The presence of copper and lithium in 
insolubles would reduce the amount of these elamants available for the 
formation of Tj^, S and S' thereby causing a decrease in their volume fraction 
and therefore to precipitation hardening. Hence, stringent quality control of 
the base metal Al has to be exercised, keeping low levels of these elements 
« 0.2% Si and < QJ3% Fe). 



2.5 : ScM3oe Of The Present Itork 

in the present alloy system CS030) Cu and Mg concentrations are enough 
to provide the critical solute super-saturation in the matrix. The natural 
ageing and slow heating prior to artificial ageing are axpactad to influence 
concentration of free vaocanoies and can affect the 3 phase distributuicn. 

Ageing resposa at room temperature and at low temperatures <50°C and 
75*^0 is studied to understand low temperature developments in the miorostructure. 
Artificial ageing treatments are chosen in the temperature range of iSO^C to 
i90°C. The comparison of S’ precipitate size, S phase distribution and S' PF2 
width by TEM micrographs are expected to provide valuable imformation. DSC 


analyses is used to investigate Ai-Li G, P. zone formation p-sriod during the 
natural ageing. Various age hardening practices are evaluated via Vickers 
hardness measurment . 


CHAPTER III 

EXPERIMENTAL PROCEDURE 


3.1 : Material SttaiLgj 

The 3090 alloy used in this investigation was purchased by D.M.RL., 
Hyderabad from British Alcan Limited (U.K.). The alloy received was in the form 
of 45 mm thick plates and in T 85i condition. CT 35 i cold worked prior to artificial 
ageing ). The chemical composition in weight percent is as follows : 

( M- 2.42% U- 1.00% Cu- 0.73% Mg- 0.12% Zr ) 
with H ~ 3 ppm., Q.02% Fe, Si < 0.01%, Na < ID ppm, Ca < iO ppm, and K < 20 ppm. 
32 : tteat Treatment 

S.amples of roughly 20 mm cube were cut on a mechanical power saw. The 
heat treatment schedule was as fallows. The abbreviations A. A., N.A., and S.H. 
mean artifitial ageing, natural ageing and slow heating, respectively. 
a> Solutionised at 550°C for 2 Hrs., and water quenched. 
b> A. A. according to Table 5. 
c> N.A. (12 Days) + A. A. according to Table 5. 
d> N.A. (42 Days) + A. A. according to Table 5. 

e> Heated to ageing temperature with controlled heating rate (iO°C/Hr.) + A.A. 

according to Table 5. 

Table 5 : Ageing temperatures and time 


Ageing Temperature In °C 

Ageing Time In Hrs 

160 

196 

170 

89 

ISO 

42 

190 

20 


Solution treatment was carried out in a vertical steel tube furnace. The 
temperature was controlled by APLAB Temperature Controller with an accuracy of 
+/- 3°C. Solutionising Temperature and time were chosen based on literatLr-e 1:621 
A surface lay«r of about 0.3 mm was removed from the solutionised samples 
because of Li ard Mg deletion from this zone. After solution heat treatcnent the 
Sandies were either pslaoed in Ide oven for artificial ageing or for natural 








ageing at room temperature <about 30*^0, ihe natural ageing study of the as 
quenched material was done by hardness (VPN) measurements up to iOC days. 

Hardness-ageing time data were determined for samples with different pre- 
ageing history : as-quenched, naturally -aged for 12 days and slowly heated from 
room temperature to i90°C. 

The ageing time for i90°C was chosen to be 20 hours to give peak hardness 
based on our work and the associated data in literature C62]. Peak ageing times 
for other temperatures were estimated based on equivalent solute (Li> diffusion 
distances (D t)°‘^. 

The heating rate control in (e) [refer section 3.21 heat treatments was 
achieved by a programmable temperature controller. The temperature was 
controlled with the accuracy of +/- 1°C. The print-out of actual and desired 
temperatures was taken at the interval of 10 minutes. 

3.3 : Low Temc^rattg^ Ageing 

The alloy was solutionised at 550°C for 2 hrs. and water quenched. The 
ageing curves at 5Q°C and 75°C were determined and the high temperature ageing 
<i90°C, 20 hrs.) was done on selected (peak-aged) samples. The main purpose of this 
study was to find short time equivalent treatments for natural ageing of the alloy. 

3.4 : Hardness Measurement 

Vickers Pyramid Hardness with a 10 Kg load was measured on samples heat 
treated under various conditions, as shown in Table 6. The samples were lightly 
polished on 1/0 paper polshing paper to remove the oxide surface layers produced 
during heat treatment. Typically five indentations were made for each test. 

3.3 : Differential Seaming Calorimefa%i (DSO Analy^s 

The DSC provides imformation complementary to that obtained by means of 
common metallurgical teef^iques. In addition precipitation of phases too fine to be 
observed on a conventional TEM can be detected on a DSC plot with the help of 
peaks present. 

The present research has used DSC to investigate the effect of natural 
ageing and slow heating on phase transformations. The DSC analyses were done on 
samples according to Table 6. The samples were out in Buehler Lou Speed 

Sau and weig^ied to en accuracy of +/- ,0.01 mg. on digital Mei#it balaroe. DSC 
analysis was uratertaken in a ‘Du Pont Instuments - 9 ip Differential Scanning 


calorimeter'' under following conditions : 
a] Weight of the sample 25 - 30 mg. 
b3 Heating rate 10‘‘‘C/min. 
c3 Temperature range 30°C - 500°C, 

3.6 I Ctotioal Micg-oseamy 

Optical microscopy was done to select planes perpendicular to the rolling 
plane for further TEM work. As the number of grains in L-T direction were more, it 
was easier to study Precipitate Free Zone (PFZ> ad.jacent to high angle grain 
boundary. A 'CARL ZEISS’ optical microscope was used and the specimens ware 
etched with Keller's reagent i 190 ml H^O, 10 ml HNOg, 6 ml HCl, and 4 ml HF. ) 

3.7 - Tr^iSHiission Electron Mka-osoaoM 

Transmission Electron Microscopy (TEM> was done on samples heat treated 
according to Table 6. The TEM sample preparation was of two stages and features 
observed were the following : 

3,7.1 : Sample Preparation 

After the observation in the optical microscope the L-T direction was 
defined, A thin slice of " 200 /lim. was out in Buehler Isomet^”, Low Speed Saw. This 
thin slice was mechanically polished on 1/0 polishing paper to reduce the 
thickness to about 50 to SO Aim. 3 mm discs were punched out from the slice. 

These discs were eleotropolished in E.A. Fischione twin jet polishing 
Instrument. The flow rate of the electrolyte, temperature and voltage were the 
variables. The electrolyte was 30% nitric acid and 70% methanol maintained at - 
30°C. The operating voltage was 12 V. The formation of hole in the disc was 
detected with the help of a light beam and photo call. 

3.7^ i Features Examined 

Transmisson Electron Microscopy was carried out on a 'PHILLIPS EM 430 T' 
TEM operating at 300 kV. The S’ dark field image was formed with the use of (1X30) 
super lattice reflections. Whereas S' PFZ micrographs were taken in the bright 
field in the same direction as S' observed. Care was taken to align the grain 
boundaries parallel to the electron beam direction, so that a true width of the 
PFZ was photographed. The S’ PFZ width meast^ement was done on atleast four 
different grain boi«daries for each ageing condition. S phase disl^ibution within 
the grain was also observed undar bright field image. To facilitate compariscxi 
bett"^^ the micrpstructuers examined, all the S', S' f^Z, and S miorogra^hs 



presented were taken under the same condition as mentioned above. 


Table 6 : 


work 


R.T. : room temperature 


Condition 


1) As received 

2) As Quenched 

3) 19 N.A. 

4.5 42 N.A. 

5) 57 N.A. 


6) 190 A. A. 

7) 12 N.A. + ISO A.A. 

8) 42 N.A. + 190 A.A. 

9) 30 to 190 slowly heated 

10) S.H. from R.T. + 190 A.A. 


11) 180 A. A. 

12) 12 N.A. + 180 A.A. 

13) 42 N.A. + 180 A.A. 

14) 30 to ISO slowly heated 

15) S.H. from R.T. + 180 A.A. 


16) 170 A. A. 

17) 12 N.A. + 170 A.A. 

IS) 42 N.A. + 170 A.A. 

19) 30 to 170 slowly heated 

20) S.H. from R.T. + 170 A.A. 


21) 160 A. A. 

22) 12 N.A. + 160 A.A. 

23) 42 N.A. + 160 A.A. 

24) 30 to 160 slowly heated 

25) S.H. from R.T. + 160 A,A. 


Y : carried out 












CHAPTER IV 

RESULTS AND DISCUSSION 


The work presented in this chapter is concerned with the effect of 
different pre-ageing parameters on age hardening characteristics of the SQ9Q Al- 
Li alloy. The results presented are in terms of ageing curves, DSC thermograms, 
and transmission electron micrographs. Results on characterisation of the SOSO 
alloy in the as-received <T85i temper) and the re-solution treated condition 
are presented initially. This is followed by a discussion of the effect of various 
heat treatments on the hardness and DSC response. Finally specific 
microstruotural features such as S‘, S and T^ precipitates are presented 
and their relationship with the heat treatment variables are discussed. 

4.1 : Characterisaticn Of The As Received CT^D Sample 

The as received material (8090 alloy) was in T 851 (solutionised, cold 
worked and artificially aged) condition; the hardness was 165 VPN. 

In all the DSC plots presented here, upward peaks indicate exothermic 
reaction and downward peaks indicate endothermic reaction. DSC thermograms give 
indirect evidence regarding precipitate formation and dissolution, and direct 
TEM observations are necessary for confirmation of the various effects. 

The DSC thermogram of as received material is shown in Fig. 14, A shallow 
andotherm <L) occurs at i20°C . This could be due to Al-Li G, P. zones dissolution 
C413 or retrogression of fine S' C453. During artificial ageing the Al-Li G.P. 
zones are replaced by S'. Hence the presence of (L> peak suggests that 
this process is not completed during artificial ageing. One possibility is the 
formation of S' at room temperature after the artificial ageing, as suggested by 
E463. Which could dissolve on heating during DSC. The <L) peak is followed by an 
exotherm at 170°C <H), which is generally attributed to the precipitation of S' 
E39,4i,453; this confirms that S' formation is incomplete in the as received sample. 
The subsequent prominent endotherm at 230®C (D has been attributed to S' 
dissolution. An exothermic peak <K), present at 330°C, is reported to be due to 
precipitation of S phase. Over the range of the exothermic peak aO. S 
precipitation exotherm overlaps it around 330°C C403. 






Transmission electron micrographs of the as -received sample are shown in Figs. 
15, IS and 17. A uniform distribution of fins S' precipitate (~i5 nm dia.) is seen 
in Fig. 15, while a PF2 along the grain boundary is clearly seen in Fig. 16. The 
PFZ width in this condition (about 0.017 liim) is narrower than wh-at is found in 
the present investigation for various .ageing treatments (see table XI). L-Jhen these 
results are co-related with DSC data pesented in Fig. 14, it can be concluded 
that the as reoeiv'ed sample was underaged (peak ageing should supress (L) and (H) 
peaks in DSC). But in this conditon these peaks are present, although of a small 
magnitude. The higher hardness as compared to peak-aged samples in this work 
(sea table IX) and uniform distribution of S phase in the matrix ( Fig. 17) is 
believed to be due to a network of dislocations generated during cold working 
prior to artificial ageing. 

4.2 I Charactarlsaticwn Of The Solution Treatgi Saanole 

The as received sample was soiutionised at 550°C for 2 hours and quenched 
into cold water. The as quenched hardness of the material was 68 VPN. 

The sample was unavoidably delayed for 1 hour at room temperature prior to 
thermal analysis. The DSC thermogram is shown in Fig. 18. Two prominent 
exothermic peaks at 9Q°C (G) and i70°C (H) are seen. The presence of exotherm 
(Q) is related to the formation of G.P. zones of the S phase, and is similar to that 
observed by Hukhopadhyay et al. (Fig. 6, Chapter II) 1403. Exotherm (H) is due to the 
formation of S' precipitates. It is followed by a slightly endothermic behaviour 
with two plateaus at 23D°C 0^) and 270°C (1^). /I^/ peak corresponds to the lower 
temperature range 5’ dissolution and G.P. zone (Ai-Cu-Mg) dissolution E403. The 
magnitudes of 1^ and peaks are smaller and further work (preferably TEH) 
is essential to understand this portion of DSC. Broadening of Cl) peak has been 
discussed in section 2.2.4. in Chapter 2. As pointed out earlier the prominent 
exotherm around 320°C (K) is believed to be due to S and S precipitation. 

Dislocation loops formed by the condensation of vacancies and 
superdislocations are the prominent features of the as-quenched sample 
(Fige. 13-21). Some of the dark features could be 0' particles. But, it was not been 
possible to establish this unambiguously by electron diffracticMi. Also, it was not 
possible to : observe S' precipitates in either the dark field or the fcM'ight field 
modas. But presehc^f of stkserlattice reflections in tiw electron diffraction 
patterns indicates the presence of 5' in y^e as scdutionised condition. 














4.3 : Effects Of FVeageing Treatn^ts Qi Hardness AraJ DSC B^aviotr* 

4.3.i : Nati^al Ageing 

The natural ageing response (room temperature storage) of 303G alloy is 
shown in Fig. 22. The as quenched hardness was SS VPN. There is clear indication 
of a rapid increment in hardness during the first 12 days . This increase in 
hardness is due to S' growth in the matrix. The ha.>"dnass varies in between 109 - 
114 VPN upto 77 days. After 77 days hardness decreases below 109 VPN possibly 
because of S' coarsening. This could be the onset of overageing at room 
temperature. 

Figs. 23j 24, and 25 are thermograms of samples naturally aged for 19, 42 
and 57 days respectively. Natural ageing eliminates (G) peak in all the samples, 
indicating that G.P. zone formation (Al-Cu-Mg) is complete. In Fig. 23 prominent (H) 
peak at 170°C is present, which demonstrates that S' formation occurs during DSC 
even after 19 days of natural ageing. Except for the 19 days naturally aged 
sample, prominent (L) peak at i30°C is present in the other two thermograms CFigs. 
24 and 253, which is Al-Li G.P. zone dissolution peak. Increased natural ageing 
gives larger (L) peak, probably because of more Ai-Li G.P. zone formation. Presence 
of (L) peak after 90 days natural ageing is reported in literature C403. Our study 
shows that 42 days natural ageing gives rise to a similar peak. So, samples 
with 42 days natural ageing were selected for further high temperature 
artificial ageing. 

S' dissolution peak around 230°C (I) is present in Fig. 23, whereas Figs. 24 
and 25 show thermal fluctuations <1^ and Ig) in the temperature range of 230®C to 
270°C before the exothermic reaction at 320°C <K). The thermal fluctuations at I 
can be interpreted as the result of superposition of the S' dissolution and S 
precipitation reactions. In all the three thermograms <K) peak around 320°C is 
associated with S formation. 

The microstructure of the sample naturally aged for 57 days is shown in 
Figs. 26 and 27. Helical dislocations and dislocation loops are the important 
features of these micrographs. A prominent feature of natural ageing is the 
growth of S', which releases the vacancies bound to lithium atoms in solution. When 
a sufficient supersaturatim of freed vacancies is obtained some of them 
precipitate in the matrix to fcx'm dislocation loops and helices. It was difficult 
to resolve S' particles at this stage. AlgZr OS') particles were also difficult 
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to identify in the bright field image, due to weak contrast between the matrix 
and <j3') particles. But, in Fig. 26 some of the features exhibiting coffee seed 
contrast could be 0' particles. 

4.3J2 i Slow Heating 

The as quenched sample was heated from room temperature to 190^‘C with 
10^C.‘''hQUP heating rate. The sample was taken out as soon as iSO'^'C was reached. 
The hardness was 132 VPN. 

Thermal analysis was done within 1 hour and the result is presented in Fig. 
28. There is a faint suggestion of endothermic peak <L) at 12Q°C similar to that 
observed in the as received (Fig. 14) and 19 days naturally aged (Fig. 23) 
samples. An exotherm at 170®C (H) is similar to that observed in the as received 
sample. It is clearly evident that the S' formation is not complete during 
this slow heating. The endotherm (I) peak is extended uplo 25Q°C, which is S' 
dissolution. It can be concluded that the degree of ageing in this case is in 
between the naturally aged and the peak aged conditions. Neither S' formation nor 
Ai-Li Q.P. zone replacement is complete during slow heating. The prominent peak 
present at 315°C (f<) is of S and S precipitation. 

Results of the all DSC thermograms presented in this chapter are 
summarised in Table VII. All the similar type of peaks present in ail the six 
thermograms occurs around the same temperature range. 


i^II on next page. 



Table VII : DSC Results 


Fig. No. 

Condition 

Results 

14 

As received 

1— — — 

i) Endotherm at i20''*C <L): Al-Li 
Q.P. zone dissolution 

ii) Exotherm at 170°C (H) : S' 

formation 

iii) Endotherm at 23D*^C (D : S' 

dissolution 

iv) Exotherm at SSO’^^C (K) : S 

and S formation 

IS 

As quenched 

i) Endotherm at iOO°C (L) ; Ai- 

Cu-Mg G.P. zone formation 

ii) Exotherm at i70^'C <H) S' 

formation 

iii) Endotherms at 230°C and 2?0°C 
(1^ and Ig) : S' dissolution 

iv) Exotherm at 320°C (K) : S 

and S formation 

23 

19 days naturally 
aged 

i) Endotherm at i20°C (L): Al-Li 
G.P. zone dissolution 

ii) Exotherm at 1?0°C ?H) : S' 

formation 

iii) Endotherm at 230°C <I) : S' 

dissolution 

iv) Exotherm at 330‘^C (K) : S 

and S formation 

24 

42 days naturally 
aged 

i) Endotherm at 135°C (L): Al-Li 
G.P. zone dissolution 

ii) Endotherms at 230°C and 270°C 

i Oi and Ig) : S’ dissolution 

1 iii) Exotherm at 330°C (K) : S 

and S formation 

1 

25 

57 days naturally 
aged 

i) Endotherm at 150°C (L): Al-Li 

1 G.P. zone dissolution 

1 ii) Endotherms at 235°C and 270°C 

CI^ and Ig) : S' dissolution 
iii) Exotherm at 320°C (K) : 5 

1 and S formation 

28 

SloMly heated to 

190°C 

1 i) Endotherm at i20®C <L>: Al-Li 

G.P. zone dissolution 
! ii) Exotherm at i70°C (H) : S’ 

fcrmation 

iii) Endotherm at 230°C to 250°C 
Q : S' dis^lution . 


CENT"^-' ' -'RAPY 

iv) Exotherm at S20®C ^ ; S 

and S formation 








4.3.3 2 Lc 3W Temperature Ageinci 


The low temperature ageing response at 50°C and 7S°C is summarised in 
Fig. 29. The peak hardness (i09 VPH> is reached after 144 hours during the 
50°C ageing treatment. The peak hardness for 75°C ageing occurs over a range 
between 40 and 115 (113 VPN) hours. The main object to study low temperature 
ageing was to find a shorter time equivalent to natural ageing. The ageing 
period of 40 to 115 hours at 75'‘'C or 144 hours at 50^C is resonably shorter 
than 12 days natural ageing period, when compared on the basis of hardness 
values. Selected samples were subjected to high temperature ageing at iSO^C, 20 
hours. Hardness results are summarised in Table VIII. 


Table Mm : Hardness tJaia of Iom iemp^aitjr^ aged -i- i90°C aged saimslas. 


Sample H istory 

Hardness (k'PN) 

1) 48 hours at 50°C + i90°C. (20 hours) 

138 

2) 144 hours at 50°C + i90°C (20 hours) 

140 

3) 45 hours at 75°C + iSOoC <20 hours) 

138 

4) 115 hours at 75°C + 190°C (20 hours) 

113 


The hardness values of 50°C + 190°C, 20 hours treatment indicates that 
the samples have just crossed peak-ageing (as a result of additional diffusion 
occur ing at 50^0. The 75°C preageing has similar effect. It is possible that 
there was a loss of vacancies released due to S' precipitation to the 
subgrain boundaries during prolonged low temperature ageing. This would result 
in lower free vacancy concentration in the matrix and less promotion of S phase. 
Thus, high temperature ageing (190°C) with shorter time (less than 20 hours) should 
be studied to achieve peak-ageing in the low temperature processed samples. 

4.4 : Artificial Ageing At Different Temcaerattr-es 

The response to artificial ageing at i90®C is demonstrated in Fig. 30. The 
three curves pertain to different pre-ageirig conditions : as quenched, i2 days 
naturally aged, and slowly heated from room temperature to i90®C. The peak in 
ageing curve occurs at arourd 20 hours in each case. The peak hardness of 
naturally as^d and slowly heated san«)le5 is slightly more: The onset of overageing 
is inhibited to seme extent in naturally aged sauries. In the overaged condition 
naturally aged san«3le shows more hardness. 
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Fig.30 THERMAL AGEING RESPONSE AT 190 C. 



Four different artificial ageing treatments with equivalent Li diffusion 
distances (iS0®C-i96 hrs., 170®C-89 hrs.i i30*^C-42 hrs.; 190°C-2Q hrs.) were 
employed to the samples of different pre-ageing histories as mentioned above. The 
hardness of these samples (VPN) after high temperature ageing is given in Table 
IX. The abbreviations A. A., N.A., S.H., R.T. used in this chapter mean as following : 
A. A. : Artificial Ageing; N.A.: Natural Ageing; 

S.H. : Slowly Heated; R.T. ; Room Temperature. 

Table DC : Hardness data at fotr* differmt taft^eratis'es with differsit fM^-ageing 


histw’y. 


f"" — 



Hardness 

in VPN 

Condition 

i60°C 

170°C 

180°C 

190°C 

a) A.A. 

156 

151 

143 

147 

b) 12 Days N.A. + A.A. 

159 

147 

142 

149 

c) 42 Days N.A. + A.A. 

15? 

148 

147 

145 

d) S.H. From R.T. + A.A. 

160 

150 

151 

148 

e) S.H. From R.T. 

122 

124 

127 

132 


The hardnesses for 160°C ageing are comparatively higher than for ageing 
at i90°C and this was expected on the basis of greater driving force for 
nucleation of S' at 1S0°C. The higher hardness of slowly heated samples to the 
final ageing temperature ( d) lot in table IX ) is due to additional time at 
elevated temperature before the final ageing temperature is reached. It 
increases the size (diameter) of S' at that temperature, which improves strength 
level. 

4.5 : Effasts Of Thermal Treatments Qi The Microstnjcture 
4.S.1 : S' PistributicMi And PFZ 

The distribution of S' precipitates was studied for two different artificial 
ageing temperatures (i60°C and i90®C), with different preageing histories. All the 
micrographs are taJcen in dark field. The results are presented in Figs. 31-38. The 
S' idiase is uniformly distributed throughout the matrix in all the conditions. S' is 
finer and Biore daTsely popplated in 160°C case than in i90®C , as would be 
expected due to greater chiving force for S' nucleation at iSO°p , it was mt 
possible to estimate volwne fraction of S' because of diffioulttr to measi-re foil 
thicdmess acscurateiy. The av^a^ S' size was ff®asLrad from the micrographs. The 
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Fig. 31 : S' micrograph of i60“C, 138 hrs. 


Fig. 32 : S' micrografrfi of 12 days NA 


AA sample 
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Fig. 33 : S* aiicrograf^ of ^ liayB NA 
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Fig. 35 •- S' micrograph of 130*^C, 20 hrs. 
AA sample 


Fig. 36 : S' nticroy'aph of i2 days NA 

+ 193 AA san^le 
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Fig. 39 : S" Ff^Z micrograph of 160°C, iS8 hrs. Fig. 40 : S' PFZ micrograph of 
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Fig. 41 : S' PFZ micrograph of 42 days NA 
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Fig. 45 : S' PFZ microgrstph of 42 days NA Fig. 46 : S' PFZ raicrograi^ of 

+ 190 AA sample skjuay heated + 190 AA 


sanpld. 



results are or-esented 
as in table IX. 


in table X. The abbreviations in the table X mean same 


TaJble X : Average S' size 


tp 

z 

p 

— — 

Condition 

S' dia. in nm. 

31 

160 A.A. 

24 

32 

12 days N.A. + 160 A.A. 

17 

33 

42 days N.A. + 160 A.A. - 

21 

34 

S.H. from R.T.to 160 + 160 A. A. 

22 

35 

190 A. A. 

30 

36 

12 days N.A. + 190 A.A. 

25 

37 

42 days N.A. + 190 A.A. 

31 

38 

1 S.H. from R.T.to 190 + 190 A. A. 

36 


Bull's eye structure (S' on the AlaZrCae’) particles) was observed in all 
the ageing conditions (Figs. 31, 33, 35 and 36 clearly show this feature). The 
distribution of AlgZr (/3’) particles, which depends upon the processing history, 
was found to be non-uniform. 


S’ PFZ 


The S' PFZ micrographs corresponding to ageing conditions similar to those 
of Figs. 31-38 are presented in Figs. 39-46. The PFZ width in the unrecrystallised 
Al-Li alloys such as the present one is quite non-uniform and seems to depend 
upon orientation with respect to the rolling plane. PFZ widths were therefore 
calculated from foils oriented parallel to the L-T plane of the rolled plate, and 
are summarised in table XI. Care was taken to orient the foil so as to observe 
true width of the PFZ. 


Table XI : S' PFZ Width 


Fig. No. 

Condition Half width of the PFZ <lim). 

39 

160 A.A. 

0.135 

40 

12 days N.A. + 160 A.A. i 

0.083 

41 

42 days N.A. + 160 A.A. 

0.076 

42 

S.H. from R.T.to 160 + 160 A.A. 

0.069 

43 

190 A.A. 

0.129 

44 

12 days N.A. + 190 A.A. 

0.180* 

45 

42 days N.A. + 190 A.A. 

' 0.073 

46 

S.H. from R.T.to 190 + 190 A.A. 

0.163* 







ijhich rscsived preageing trsatmsnts sssrri to have narrower ^5■‘-PFZ’s 


(with a few eKoeptions possibig because of greater nucleation of §■' taking 

place, in general, it seems that PFZ widths for iSC^'C and iSQ^C ageing are 
comparable, it is expected to be so, as both the treatment times ware estimated 
on the basis of ecijual Li diffusion distances. 


4.5.2 i S Distribution And PFZ 

S distribution in samples aged at iSO°C and ±90®C are presented in 
Figs. 47-54. S phase in case of 190°C ageing seems to be coarser and the volume 
fraction is also slightly more than in case of iSO^C ageing. The lower density of 
S phase corresponding to iSO°C treatment could be because of lower diffusivity 
of Cu and Hg at i£0°C . 

Natural ageing aids precipitation of S phase in the matrix. Dislocation 
loops and helices developed in the naturally aged samples acts as nucleation sites 
for S phase during subsequent artificial ageing. 42 days of natural ageing in both 
cases seems to be attractive for S nucleation, whereas, the density of vacancy 
defects generated during 12 days natural ageing is not enough to accelarate 
heterogeneous S phase distribution during subsequent artificial ageing at i60°C 
(the diffusivity of the solute atoms at iSO^’C is not enough). 

Slow heating to the final ageing temper-ature was reported (for an 8091 
Al-Li alloy) to give widespread precipitation of S in the matrix [761. It is assumed 
that during slow heating release of vacancies occur in a controlled manner (as Li 
precipitates to form S’), which is responsible for aiding S precipitation in the 
microstruoture. In the present case, slow heating upto i60°C did not give such 
results. Slow heating to i60°C might not be creating sufficient concentration of 
free vacancies, which will accelarate S nucleation in the matrix. Whereas, slow 
heating to i90°C shows similar S distribution as naturally aged samples. It 
should be noted that in case of 8091 alloy, Cu and Mg supersaturation of the 
matrix is more than in case of 8090 alloy, providing greater Ihfermodynaraic 
driving force for S cr-ecipitation. 

To conclude, in 1S0°C artificial ageing practice prolonged natural ageing 
(atleast 42 days) is essential for heterogeneous nucleation of S phase. In 
i90°C artificial ageing practice natural ageing can be replaced by slow heating. 
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Fig. 47 : S distribution in 160°C, 198 hrs. 


Fig. 48 : S distribution in 12 dags 
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Fig. 5i : S distribution in 190“C, 20 hrs. 


Fig. 52 : S distribution in 12 days 


AA sample 


NA + 190 AA sanple. 








S PFZ 


Sines, 42 days natural againg or slow heating to artificial ageing 
tsme-erature are ttie favourable conditions for the S precipitation, PFZs were 
observed at some high angle grain boundaries in few ageing condition. The 
mechanism is probably same as 5’ PFZ formation (solute depletion) along the high 
angle grain boundaries. The PFZ width was measured and the results are 
summarised in Table XII. 


Table XD : S PFZ Width 


Fig, No. 

Description 

Half PFZ Width In jlim. 

55 

42 days N,A. 4 * 160 A. A, 

0.58 

56 

42 days N.A, + 190 A.A. 

0.58-0.94 

57 

t 

S.H. from R.T.to 190 + 190 A. A. 

0.35-0.58 


The S PFZs reported in the literature are summarised in Chapter II 
[76,971. The results obtained in the present investigation are comparable to them. 
S PFZ is deleterious to the mechanical properties, and further attempts may be 
made to reduce S-PFZ (stretching is shown to be one such alternatives £633). 

453 i Ii Distribution 

In i90°C directly artificially aged Fig. 58, i2 days naturally aged and 
artificially aged at i90°C Fig. 59 and slowly heated to i90°C and artificially 
aged Fig. 60 samples, T^ was observed at some places. However, its volume fraction 
was very low. This could be due to the favourable conditions for S phase 
formation in this alloy, and consequently less availability of Cu for T^ 
precipitation, In this regard, the Cui.i and Cu.Mg ratios are very important. In 
general, from the point of view of mechanical properties, T ^ phase is less 
attractive than S phase. 

4j 6 : General Disoussion 

The results of the present investigation (S' size, S' PFZ width, S PFZ, and 
presence of and hardness measurements) presented in the earlier sections are 
stKnmarised in Table XUI. 


P.T.O. 






PFZ 


S PFZ 



in nm 

in y.m 

IjBQJIIIII 

1 

in /im 

I A* . e ^ 

I 

i 

15 

0.017 

165 

- 


f 

iSQ A A 

24 

0.135 

156 

. 


iZ dSfys N A.^160 A, A. 

17 

0.083 

159 



42 N A 160 A A. 

21 

0.076 

157 

0,58 

* 

S H from R T.to 160 + 160 A.A. 

22 

0.069 

ISO 

- 


190 A A, 

30 

0.129 

147 

1 ~ 

Y 

12 days N A 4-190 A, A 

25 

0.18 

148 

- 

V 

4*4 days N A.-f-lSO A m 

35 

0.073 

145 

0.58-0.94 

- 

S H from R,T to 190 + 190 A.A. 

36 

0.163 

148 

0.35-0.58 

Y 


One important point to note is that all the hardness values reported are 
less than that of the as-received material (165 VPN). Artificial ageing at i60°C 
following natural ageing or slow healing yields higher hardness values than those 
obtained after the i9Q°C heat treatment. 

The width of the S' PFZ corresponding to the iSO°C treatment is narrower 
than what is obtained after the i90°C ageing treatment. Since the choice of the 
optimum heal treatment condition depends on the peak hardness value as well as 
the width of S'-PFZ, it is clear from table XIII, that the choice of ±60°C ageing 
treatment is superior to that at 19Q®C. The former, as is clearly pointed out in the 
literature, would also have less grain boundary precipitates - an additional 
desirable feature. Slow heating to 160°C gives the best combination of hardness 
and S' PFZ. It would be desirable to check whether the variation in the heating 
rate to (say 20°C/hour instead of 10°C/hDur) would still give rise to the 

same beneficial effect. This would result in a lower time for the completion of the 
entire heat treatment operaticMn. 

The dtensiiy of S phase in slowly heated to 1S0®C sample is not 

satisfaotoru- As S phase is effective in tr'eaking up coplanar slip (due to S' 
shearing); alternative heal treatment to aid S precipitation alongwith lower S’ PFZ 
wieRh, wid higNar hardness should be investigated. 








CHAPTER V 

CONCLUSIONS AND SUGGESTIONS 
FOR FURTHER WORK 


i.' The SC‘5D-T55i alloy received from ALCAN (U.K.) was shown to be in an 
uraeraged condition (with the help of DSC and microstruoture comparisons). 

2' In the as-auenchad sample dislocation loops and superdislocations ware 
present. It was not possible to observe S’ or /3' in the matrix. 

35 The DSC study of iS days naturally aged sample indicates that 5’ growth 
iS incomplete 

45 DSC study of 42 days naturally aged sample showed Al-Li G.P. zone 

disscluticn pe-ak 

55 Natural ageing releases bound vacancies (as S' grows) which precipitate as 
dislocation locos and helices. This behaviour was spontaneously observed in 
57 clays naturally aged sample. 

S) The onset of over ageing occurs after 77 days natural ageing. 

7) The '.'olume fraction of 5' and width of S'-PFZ appeared similar in all 

cases, With slightly finer S' size for 1S0°C ageing condition. 

8) Distribution of S phase could be improved by incorporating preageing 

treatments such as natural ageing and slow heating to the final ageing 

temperature. 

9) PFZ width along the high angle grain boundary was slightly narrower 

in naturally aged sample. 

10) The slow heating does not have much effect on S precipitation in ageing at 
160°C, whereas the natural ageing period can be replaced in ageing at i90°C. 

11) S PFZ was observed in 42 days naturally aged sample + artificially 
aged sample as well as in slowly heated to the final ageing temperature + 
artificial aged at i90®C. 

12) Tj, was cdaserved in small quantity, when the samples were aged at i90®C. 


P.TJD. 




work 


SMaagstyi?-as £i>£ CmcIMe 


j..’ Miar resc’ijtion rr.icrascoDy is reauired to differentiate S’ and G.P. zones in 
r.3*u''allr ageo samoles 

2. It js r.eiesaary tc investigate onset of over ageing, which is observed after 77 
days ratw-rai ageing To date, such results have not been reported. 

2': 5 or ecioitation is strongly dependent on dislocation structure and 

vacancy defects present in the matrix. The study concerning solute-vacancy 
i.nleractions should be performed. 

4) Natural ageing prior to artificial ageing has shown lesser S' PFZ width in the 
matrix. Effect of natural ageing at low temperature ageing (iSO^C or 170°Q 
on PFZ Width and grain boundary precipitate should be investigated. 

Slow heating to the final ageing temperature should be applied with the 
different heating rate, to study the effect on formation of S and S' PFZ . 
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